Through molecular dynamics simulation of nanoindentation of amorphous a-SiC, we have found a correlation between its atomic structure and the load-displacement ͑P-h͒ curve. We show that a density profile of a-SiC exhibits oscillations normal to the surface, analogous to liquid metal surfaces. Short-range P-h response of a-SiC is similar to that of crystalline 3C-SiC, e.g., it shows a series of load drops associated with local rearrangements of atoms. However, the load drops are less pronounced than in 3C-SiC due to lower critical stress required for rearrangement of local clusters of atoms. The nanoindentation damage is less localized than in 3C-SiC. The maximum pressure under the indenter is 60% lower than in 3C-SiC with the same system geometry. The onset of plastic deformation occurs at the depth of 0.5 Å, which is ϳ25% of the corresponding value in 3C-SiC. a-SiC exhibits lower damping as compared to 3C-SiC, which is reflected in the longer relaxation time of transient forces after each discrete indentation step.
I. INTRODUCTION
Despite considerable experimental and theoretical research, atomistic mechanisms of indentation-induced deformations in amorphous ceramics are not well understood. Among high performance ceramics, silicon carbide ͑SiC͒ is of particular technological importance for a variety of engineering and optoelectronic device applications. [1] [2] [3] [4] SiC in the amorphous alloy form, a-SiC, has many outstanding physical properties, such as very low coefficient of sliding friction, 5 high hardness, and high wear resistance, which allow for the application of a-SiC as hard surface coatings. 6 Because of its high Young's modulus, [7] [8] [9] a-SiC is also an excellent material for x-ray lithography mask membrane. Additionally, the stability of its semiconducting properties over a wide range of temperatures makes a-SiC a suitable material for device and structural applications. 10 Mechanical stability of a-SiC is essential for reliability and durability of a-SiC in device applications. Indentation is a technique widely used [11] [12] [13] [14] [15] [16] [17] [18] [19] [20] [21] for probing of mechanical properties of materials and testing of their stability, especially at surfaces and thin films. On the other hand, such mechanical property measurements are still very scarce for amorphous materials and, in particular, for a-SiC. One such study by Khakani et al. 22 employed nanoindentation and bulge tests to determine experimentally the hardness and Young's modulus of a-SiC thin films. They have shown that both quantities depend on the film composition. For hydrogen-free stoichiometric a-SiC films, the hardness and Young's modulus were as high as 30 and 240 GPa, respectively. Recently, the repeated nanoindentation loading technique was also used by Raju et al. 23 to investigate the deformation and delamination behavior of sputtered a-SiC films.
Several theoretical [24] [25] [26] [27] [28] and experimental 29, 30 results indicate the presence of a correlation between the nanoindentation load-displacement ͑P-h͒ response and the nucleation and propagation of subsurface defects in crystalline solids. The difficulty of carrying out a similar study in amorphous materials lies in the fact that they lack a topologically ordered network, and therefore the analysis of defects presents a significant challenge. Various models have been proposed to describe defects in amorphous networks. For instance, Gilman 31 has conjectured that an analog to a crystal dislocation exists in noncrystalline solids and described defects as dislocation lines with variable Burgers vectors. On the other hand, Rivier 32 provided a topological proof that the only defects existing in an ideal amorphous network are the wedge disclinations. The core of such disclination is surrounded by odd-numbered rings of bonds. Despite many decades of studies dedicated to amorphous materials, 33 there is still no established framework to describe the structure and deformations of these materials beyond the nearest-neighbor approach. 34 For that reason, in recent years medium-range order ͑MRO͒ and its evolution have been a focus of extensive theoretical [35] [36] [37] and experimental 38 studies. Specifically, it has been suggested that localization of deformation in amorphous materials is accomplished by rearrangement of small clusters of atoms, referred to as shear transformation zones ͑STZs͒. 37, 39 Understanding of the relation between the amorphous structures and mechanical properties ͑e.g., hardness͒ is critical for the design of materials with superior failure resistance. For example, recent molecular dynamics ͑MD͒ simulation has shown that amorphouslike grain boundaries can screen crystalline grains from deformation resulting in superhardness of nanocrystalline SiC. 21 The experimental techniques commonly used in nanoindentation experiments, such as scanning electron microscopy ͑SEM͒, scanning tunneling microscopy ͑STM͒, atomic force microscopy ͑AFM͒, and transmission electron microscopy ͑TEM͒, enable detection of dislocations in a material. Nevertheless, even in a crystal the details of atomistic structures and dynamics of defects are difficult to reconstruct in these experiments. 30 Atomistic simulations based on the MD method provide trajectories of all the atoms and have been previously applied to study deformations in the indented metals 24, 27, [40] [41] [42] [43] [44] and ceramics. 28, [45] [46] [47] [48] [49] [50] [51] [52] The MD simulations are therefore expected to bring more understanding of subsurface deformations of the noncrystalline SiC during nanoindentation. A thorough MD study of the short-and mediumrange topologies of a-SiC has been presented by Rino et al. 53 They described the short-range order ͑SRO͒ in terms of total and partial pair distribution functions, structure factors, coordination numbers, and bond angles. The MRO has been described through shortest-path rings statistics. Nanoindentation simulations of amorphous materials are still scarce. 54, 55 For example, Shi et al. 54 performed MD simulations of a two-dimensional amorphous metal film with atoms interacting via Lennard-Jones potential to demonstrate the degree of deformation localization during nanoindentation.
Here we report the MD study of nanoindentationinduced deformations of three-dimensional a-SiC with realistic interatomic potential. We find atomic layering at the surface of a-SiC, which is similar to that present in liquids. Such surface-induced oscillations are not merely due to statistical fluctuations and they are not model dependent since they have been also found in amorphous silica. 56 Surface oscillations manifest themselves in the load-displacement curve in the form of discrete load drops-analogous to those in crystalline zinc-blende 3C-SiC. We show that the nanoindentation damage is spatially less localized in a-SiC as compared with 3C-SiC. The maximum load reached in our simulation is ϳ60% lower than in 3C-SiC probed with an indenter of the same size and geometry. The onset of plastic deformation takes place at a depth 75% lower than in 3C-SiC. The discrete load drops observed in the P-h response are correlated with SRO and MRO through the analysis of local rearrangements of atoms, local pressure and shear stress distribution, bond angle distribution, and ring analysis. Load changes during discrete relaxation events are smaller than in 3C-SiC, because of the lower critical stress required to rearrange atoms in a-SiC.
II. METHODOLOGY
The essential ingredient of the MD simulations is the interatomic potential. Our potential consists of two-and three-body terms 57 ,58
where r ij = ͉r ជ ij ͉, r ជ ij = r ជ i − r ជ j , and r ជ i is the position of the ith atom. The two-body potential is given by
͑2͒
and includes terms describing steric repulsion, charge transfer between atoms, charge-dipole interactions, and van der Waals interactions, 59 respectively. H ij , n ij , and W ij are the parameters, Z i is the effective atomic charge, a and b are the screening parameters, and ␣ i is the polarizability. Covalent effects are taken into account through three-body bondbending and bond-stretching terms:
where B jik is the strength of the interaction, ⌰͑t͒ = 1͑t ജ 0͒ and 0͑t Ͻ 0͒, jik = r ជ ij · r ជ ik / r ij r ik is the bond angle, and jik , C, r 0 , and ␥ are the parameters. The parameters of the potential are optimized 60 to reproduce selected experimental data for SiC. Thus calculated lattice constant, melting temperature, elastic constants, cohesive energies, as well as structural transition pressures, are in good agreement with experiments. 61, 62 This potential has been earlier employed to predict a transition mechanism for the zinc-blende-torocksalt structural transition under pressure, 63 which was later confirmed by first-principles calculations. 64, 65 Our simulations is performed by means of isothermal MD method. [66] [67] [68] The Newton equations of motion are integrated by a reversible symplectic algorithm 68, 69 with a time step ⌬t = 2.2 fs. MD program is implemented on parallel computer using spatial decomposition.
In order to create a well relaxed a-SiC, we use the melt-quench 70 method with a very slow annealing schedule. A careful preparation of the substrate is essential, since, for instance, the chemical order in amorphous materials formed by different species was shown to depend strongly on the annealing schedule. In most part the experimental [71] [72] [73] [74] [75] [76] [77] and theoretical [78] [79] [80] [81] [82] [83] studies on a-SiC have shown a chemical order, however, in different degrees. The tight-binding MD study of Ivashchenko et al. 84 pointed out that the simulation results are highly influenced by the initial configuration of the sample, even though all of their samples exhibited a remarkable chemical ordering. Recently, Ishimaru et al. 85 carried out the TEM measurement and MD simulations to show that the ratio of heteronuclear ͑Si-C͒ to homonuclear ͑Si-Si and C-C͒ bonds changes upon annealing. They concluded that the chemical ordering progresses with the annealing process and the strongest chemical order is observed in a fully relaxed state of a-SiC.
The simulated a-SiC substrate consists of 524 160 Si and 524 160 C atoms ͑total number of atoms is N = 1 048 320͒. We start from a perfect zinc-blende bulk at the experimental SiC density ͑ = 3.1275 g / cm 3 ͒ at temperature T = 0 K, with periodic boundary conditions ͑PBC's͒ applied in all three directions. The dimensions of the substrate are 320.6ϫ 313.9ϫ 107.9 Å 3 in the x, y, and z directions, respectively ͑Fig. 1͒. We gradually heat the system ͑over 8000⌬t͒ until we get a liquid configuration at 4000 K. At this temperature, simulation box was uniformly expanded by 10% in volume. It has been observed that the amorphization of SiC is accompanied by a considerable volume swelling corresponding to the reduction of density by 10%-30%. [86] [87] [88] More recently a density reduction of 7.4%-14% was reported. 89 Following the expansion the system is thermalized for 65 000⌬t. The temperature of this well thermalized liquid is lowered by successive cooling and thermalization until amorphous phase at 1 K is obtained. At this temperature PBC are removed in the z direction ͑indentation direction͒ and the bottom 12 Å of the substrate is frozen. 90 The energy of the resulting free surfaces is dissipated over 10 000⌬t, during which time the atomic velocities are randomized every 1000⌬t. After the system has stabilized, we relax it to the local minimum energy configuration by means of conjugate gradient method. After that the temperature is slowly raised to 300 K over 34 000⌬t.
The SiC indenter has a flat square base of dimensions 30.8ϫ 30.5 Å 2 and a height of ϳ60 Å. This geometry of indenter shape has been used previously in simulations of plastic activity and the subsurface atomic structure in Al, Au, Ni. 50 and 3C-SiC. 28 This simple geometry along with the ring analysis of glide planes has been essential to identify dislocation coalescence as an elementary process toward indentation-induced amorphization of crystalline SiC. 28 For simplicity, the indenter is held rigid and only the steric repulsion is considered between the indenter atoms and the substrate. 91 The indenter is inserted to the maximum depth of ϳ10% of the substrate thickness. The 0.5 Å increments of the indenter depth for 250⌬t are followed by holding phases of ϳ24 000⌬t each ͑indentation rate of 0.9 m / s͒, which is long enough to allow the transient forces to decay. The load P is calculated at the end of each holding phase as the average force in the z direction exerted on the indenter by the substrate atoms. The indentation depth h is taken to be the difference between the lowest point of the rigid indenter and the initial position of the substrate top surface. A total of 1 270 500⌬t MD steps are performed during the simulation ͑including the loading and unloading schedules͒. Figure 2͑a͒ shows the computed load-displacement curve of a-SiC. For comparison Fig. 2͑b͒ shows the loaddisplacement curve calculated for a ͑110͒ surface of 3C-SiC system indented in a similar manner. 28 Both curves exhibit a series of sudden drops of the load. As we will show later, the striking similarity between the two curves is due to similar atomic mechanisms responsible for the load drops. This is consistent with the fact that both materials have a SRO. In the 3C-SiC the drops occur at depths equally spaced by ϳ3 Å, which is due to slipping of subsequent atomic layers separated in the indentation direction by 3.08 Å. In a-SiC the load drops are irregularly spaced and occur at h = 1.75, 4.25, 5.75, 7.25, 9.75, and 11.75 Å. The amount of load dropped is also not as large as in 3C-SiC. The irregular spacing of the load drops in the P-h response reflects lack of long-range ordering ͑LRO͒ in a-SiC. In this respect, the P-h response can be regarded as a probe of the presence of ordering in an amorphous material.
III. RESULTS AND DISCUSSION
The maximum load, P max Ϸ 0.27 N, reached in a-SiC is ϳ60% less than in 3C-SiC probed with an indenter of the same geometry and size and it is in a good agreement with the value of hardness obtained experimentally in hydrogenfree stoichiometric a-SiC samples. 22 The first load drop in a-SiC occurs also at a lower depth than that of 3C-SiC. Because of the existence of extended disorder, a-SiC has lower intrinsic resistance to topological changes. For this reason it takes a lower indentation pressure to induce deformations in a-SiC and the substrate yields sooner than the corresponding crystal. Another difference between the P-h responses of a-SiC and 3C-SiC is that in the amorphous it took on the average four times longer to relax the system after each indentation step. Relaxation process involved monitoring the decay of oscillations of the force exerted on the indenter by the film.
In order to understand the nature of the deformations we performed a series of unloading simulations. The single unloading schedule consists of subsequent phases of pulling out the indenter at a rate of 0.5 Å / 250⌬t followed by a holding phase of ϳ24 000⌬t. In Fig. 2͑c͒ we present two of the resulting unloading curves: from ͑1͒ h = 0.75 Å and ͑2͒ h = 0.25 Å. The first unloading curve ͑squares͒ shows a clear deviation from the loading path and we conclude that the onset of plastic deformation takes place at h Ϸ 0.5 Å. The second unloading curve ͑circles͒ shows a slight deviation from the loading path. Similar effect was observed for unloading simulations from h = −0.25 Å and h = −0.75 Å, however, to smaller degrees. This is in contrast to the case of 3C-SiC ͓Fig. 2͑d͔͒, where below h Ϸ 2 Å, the unloading curves retrace exactly the loading path. In the following
paragraphs we analyze the changes in SRO and MRO in a-SiC during the indentation process. We compare the results to the corresponding changes in 3C-SiC. In order to analyze the structural correlations, we calculate the pair distribution function, g ␣␤ ͑r͒, defined through the relation:
where ͗n ␣␤ ͑r͒͘⌬r is the number of atoms of species ␤ in a shell between r and r + ⌬r around an atom of species ␣. The brackets represent the average in the ensemble and over all the atoms of species ␣. is the total number density and c ␤ the concentration of species ␤. Detailed analysis of g ␣␤ ͑r͒ in a-SiC is published elsewhere. 53 Here we limit our discussion to the main features of the g ␣␤ ͑r͒ functions. As shown in Fig.  3͑a͒ , the first peak in g Si-C ͑r͒ occurs at r = 1.89 Å, which means that the Si-C bond length in a-SiC is the same as in the zinc-blende 3C-SiC. The coordination number calculated as the number of atoms within 2.4 Å radius is found to be 3.76-in contrast to the value 4.0 in a crystal. Because of its spread in value in an amorphous material, the coordination number does not constitute an effective diagnostic of the nanoindentation damage. For both g Si-Si ͑r͒ and g C-C ͑r͒, the first large peak occurs at r = 3.08 Å ͓see Fig. 3͑b͔͒ . The absence of homonuclear pairs with interatomic distances lower than 2.1 Å indicates a high chemical ordering of our sample, as well as an insignificant presence of graphite or diamond structures, whose nearest-neighbor distances are 1.43 and 1.55 Å, respectively.
In Ref. 28 it was shown that the load drops in the P-h response ͓Fig. 2͑b͔͒ of 3C-SiC are related to slipping of subsequent atomic layers and nucleation of dislocations. In an ideal amorphous network there are no dislocations, topological defects are present in the entire film, and therefore distinguishing the nanoindentation-damaged region is not straightforward. However, we find that the load drops in the P-h curve of a-SiC are correlated with rearrangements of local clusters of atoms, similar to STZs observed during shearing of amorphous metals. 37 The correlation can be demonstrated by analyzing the density profile of the film before indentation. Figure 4 shows the number of atoms in a 0.5 Å thick horizontal slice versus the depth at which the slice was taken. Evidently, there are considerable density oscillations in the vicinity of the free surface. Similar oscillations have been observed in liquid metals and in amorphous silica. 56 The density profile in Fig. 4 exhibits characteristic asymmetric peak with a broad tail at the surface ͑with a maximum at h = 1.25 Å͒ and a layering behavior further away from the surface. Remarkably, the first two load drops in the P-h response of a-SiC take place at h = 1.25 Å and h = 3.75 Å, respectively, which coincide with the first two peaks in the density profile, i.e., the first two atomic layers. This strongly suggests that, analogous to a crystal, the load drops in the P-h response are produced by rearranging of local clusters of atoms. As shown in Fig. 4 , the large fluctuations due to the surface are damped relatively quickly; however, smaller oscillations prevail even at higher depths. A Fourier transform of these oscillations reveals that there is a non-negligible contribution from a wave number corresponding to the wavelength ϳ 2.5 Å, which is equal to the average interatomic distance in a-SiC ͑3.08 Å for Si-Si and C-C pairs and 1.98 Å for Si-C pairs͒. This is yet another indication that even in the absence of a crystallographic lattice, SRO is still preserved in a-SiC. A similar atomic mechanism lies behind the load drops in the P-h responses of a-SiC and 3C-SiC.
Structural changes are also reflected in bond angle distribution in the region 12-17 Å under the indenter. In Figs. 5͑a͒ and 5͑c͒ we show C-Si-C bond angle distribution before ͑h = 1.25 Å͒ and after ͑h = 1.75 Å͒ the first load drop in the P-h response, respectively. At h = 1.75 Å, a-SiC has a broad distribution between 70°and 160°, which is associated with various configurations and bonds formed in a-SiC. 53 The curve has a maximum at ϳ109°͑the same as in 3C-SiC͒, which corresponds to local tetrahedral arrangements of atoms. After the load drop at h = 1.75 Å, no significant changes are observed in the bond angle distribution ͓Fig. 5͑c͔͒, other than that the curve becomes slightly narrower and higher due to relaxation that took place in the indented region. This relaxation mechanism is not as pronounced as in the crystal at the first load drop in the corresponding P-h response ͓Fig. 2͑b͔͒. Inserting the indenter down to h = 2.33 Å of 3C-SiC causes a distortion of tetrahedral unit cells, which is reflected in two major peaks formed in the bond angle distribution ͓Fig. 5͑b͔͒ at ϳ100°and ϳ111°. After the load relaxation has taken place, we observe a recovery of a single peak at ϳ109°.
To further analyze the correlations we calculated the distribution of local shear stress. Shear stress is calculated as ͑ xy + yz + zx ͒ / 3, where ␣␤ is the ␣␤ component of the stress tensor. In Fig. 6͑a͒ we show the top view of the a-SiC surface under the indenter at h = 1.25 Å, which is before the first load drop in the P-h response has occurred. The results are inconclusive, i.e., the stress is evenly distributed in the whole sample taking the values in the range from −3 to 3 GPa. There is no localization of characteristic shear stress under the indenter. For comparison, in Fig. 6͑b͒ we show the top view of the 3C-SiC surface before the first load drop in the corresponding P-h response ͑h = 2.33 Å͒. In this case the shear stress analysis reveals many details of deformations, such as geometrical deformations due to the shape and position of the indenter and due to its particular alignment with the underlying crystalline lattice. The absolute value of the shear stress is symmetric with respect to x and y axes, and its maximum value is six times larger than in the amorphous substrate.
More information about deformations in a-SiC is brought in by the analysis of local pressure. As shown in Fig.  6͑c͒ , the substrate surface beneath the indenter at h = 1.25 Å is characterized by localized regions of higher pressure ͑dark blue color͒. In the corresponding crystal ͓Fig. 6͑d͔͒ the regions of higher pressure reveal many more details about the substrate, such as the individual planes of atoms perpendicular to the indented surface. In a-SiC the pressure is much less pronounced and much more irregularly distributed than in 3C-SiC. To quantify local rearrangements of atoms, we tested the method proposed by Falk 92 for two-dimensional systems, who defined
where i , j = ͑1 , 2 , 3͒, n runs over atoms within the interaction range of a central atom ͑n = 0͒. r n i ͑t͒ stands for the ith component of the coordinate of the nth atom. D 2 ͑t , ⌬t͒ describes the mean square difference between the actual displacements of the atoms in the neighborhood of the central molecule and the relative displacements they would have if they were in the region of uniform strain ij . Displacements are calculated at time t with the configuration at time t − ⌬t being the reference system. The closest approximation to a local strain tensor is found by minimizing D 2 ͑t , ⌬t͒, and the minimum value of D 2 ͑t , ⌬t͒ is then the measure of the local deviation from affine deformation during the time interval ͓t − ⌬t , t͔. We performed a series of calculations of D 2 ͑t , ⌬t͒, taking different reference configurations into account. As a result we have found that similar to the shear stress analysis, there was no localization of higher values of D 2 ͑t , ⌬t͒ in the damaged region and therefore in our case the parameter D 2 ͑t , ⌬t͒ is not a good measure of deformations in the material.
We have found that a simpler analysis sheds more light into the character of the nanoindentation damage. The displacement parameter is defined as
which is a measure of how far the nth atom has moved since the previous indentation step. The resulting distribution on the surface of the a-SiC at h = 1.25 Å is shown in Fig. 7͑a͒ , in which the value of ⍀ on each atom is color coded. For clarity we do not visualize atoms that have moved by less than 0.4 Å. Because there is a non-negligible number of atoms that diffused during the long holding phase following each indentation step, we also do not visualize atoms that have moved by more than 3.0 Å. In the resulting picture the perturbed atoms are largely localized in the indented region, taking the shape of a square aligned with the edges of the indenter. Noticeably, there is also a significant number of the perturbed atoms distributed throughout the entire sample. The top view of a corresponding crystal after the first load drop in the P-h response ͑h = 2.83 Å͒ is shown in Fig.  7͑b͒ , where colors correspond to the value of ⍀. As discussed in Ref. 28 during the indentation atoms in a zincblende structure slide on the ͑111͒ glide planes. In Fig. 7͑b͒ shape of the perturbed atoms with larger value of the parameter ⍀ accumulated beneath the indenter. Additionally, in the crystal one can identify a regular layerlike character of the displacement visualized as violet, dark blue, and green regions lying directly under the indenter in Fig. 7͑d͒ .
The analysis of the displacement parameter ⍀ brings insight into the substrate deformations even at larger depths. In Fig. 7͑e͒ we present the distribution of ⍀ for a-SiC at h = 5.75 Å. Here we visualize all atoms with ⍀ Ͻ 3 Å. Even though ⍀ has a wide spatial distribution, clearly there is a accumulation of deformation in the region under the indenter. There also seem to be preferred directions along which the deformations propagate, marked by light blue bands of atoms on the surface in Fig. 7͑e͒ .
The displacement parameter ⍀ is an effective means to identify where the local atomic rearrangements took place, which is even clearer in a crystal. As an example we show the top view of 3C-SiC at h = 8.83 Å ͓Fig. 7͑f͔͒. The atoms here are rearranged in a regular fashion outwardly from the center of the indenter, such as the blue square ring along the edges of the indenter. The blue band of perturbed atoms in the left top corner of the indenter marks a dislocation line propagating on the surface along the ͓111͔ direction. This line has been previously identified in the 3C-SiC by means of the shortest-path ring analysis. 28 In order to quantify the aforementioned localization of deformation, we calculate the density of perturbed atoms as a function of distance r from the center of the initial top surface. In Fig. 8͑a͒ we plot a number, N͑d͒, of perturbed atoms in spherical regions of thickness 5 Å and radius d for both crystalline ͑solid curve͒ and a-SiC ͑dashed͒. The resulting curve for 3C-SiC ͑at h = 2.83 Å͒ has a single large peak around d = 30 Å, which corresponds to the deformation in the vicinity of the indenter. The weighted average distance from the origin is 29.95 Å. The curve for a-SiC ͑at h = 1.75 Å͒ exhibits a single peak with maximum at ϳ20 Å due to the presence of the indenter as well as a long-range deformation that extends up to d ϳ 240 Å. The weighted average distance equals ϳ114 Å. In order to understand the nature of the long-range behavior, in Fig. 8͑b͒ we plot ͑solid line͒ the density of perturbed atoms in a spherical shell around the indenter in a-SiC for 60 Å ഛ d ഛ 250 Å. This curve shows characteristic oscillations, which do not occur in the profile of the total density of atoms ͑dashed line͒. A Fourier transform of the density of perturbed atoms shows a significant contribution of the frequency corresponding to the wavelength ϳ 21 Å, which is approximately half of the diagonal of the indenter.
In Ref. 28 the changes in the MRO due to the nanoindentation of 3C-SiC were analyzed in terms of the shortestpath ring distribution. A ring is defined as a closed path of alternating Si-C atomic bonds ͑interatomic distance ഛ2.1 Å͒. The ring analysis has been previously employed to describe amorphous state. 28, [93] [94] [95] In a zinc-blende 3C-SiC there are only three-fold rings, i.e., three atoms of Si alternatively connected with three C atoms. Using the procedure outlined in Ref. 94 we found 28 that there is a correlation between the number of atoms with non-three-fold rings and the P-h response of 3C-SiC. A similar analysis in a-SiC is not possible because even in the absence of any damage, a-SiC has been found to have two-, three-, four-, and fivefold rings.
IV. SUMMARY
We have performed MD simulations on a parallel computer to study nanoindentation of amorphous SiC. The results are compared with a similar study done on a zincblende 3C-SiC. We show that a-SiC exhibits a layered structure due to the presence of the free surface and we demonstrate the effect of these atomic layers on the loaddisplacement response. We demonstrate that in a-SiC the damage is spatially less localized than in 3C-SiC. The maximum indentation pressure is only ϳ40% of the maximum indentation pressure reached in 3C-SiC. The onset of plastic deformation takes place at ϳ0.5 Å, which is considerably lower than ϳ2 Å in 3C-SiC. Also a-SiC exhibits lower damping, since the time required for the transient forces to decay after each indenter depth increment was on the average four times longer than in 3C-SiC. The P-h response of a-SiC exhibits a series of load drops in the plastic regime. The correlation between the observed load drops and the changes in short-and medium-range ordering is studied through the analysis of atomic densities, local atomic displacements, local pressure and shear stress, bond angle distribution, and ring analysis. Amounts of load relaxed during the drops in the P-h response are smaller than in 3C-SiC, because of the lower critical stress required for local rearrangements of atoms.
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